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ABSTRACT

TiC-Ni,Al cermets are under development for application in diesel engines because of desirable physical
properties and wear resistance. Powder compacts with binder contents from 30-50 vol. % were fabricated
by pressureless sintering under vacuum followed by low gas pressure isostatic pressing. Increasing the
Ni,Al content improved densification when using prealloyed powders as expected. However, when the
Ni;Al was formed by in-situ reaction synthesis of Ni and NiAl, densification decreased with higher binder
contents. The final microstructure consisted of a ‘core-rim’ structure with TiC cores surrounded by
(Ti,W)C rims. In some cases, Ni and Al were also observed in the peripheral region of the rim structure.
Grain sizes of the TiC increased with binder content and temperature. Preferred orientation of the Ni Al
binder phase was observed due to very large grain sizes on the order of millimeters.

INTRODUCTION

Recent research studies have examined cermets based on a matrix consisting of a hard carbide (e.g., TiC
or WC) coupled with an intermetallic auminide aloy (e.g., Ni;Al or FeAl) binder phase [1-8]. Initial
results showed that these composites have exceptional properties and that the binder alloy composition
influenced the mechanical properties due to solid solution hardening effects. For instance, fracture
toughness values comparable to the very high values obtained in the best commercial cobalt-bonded WC
composites can be achieved in the aluminide-bonded carbides. Such extensive toughening is obtained by
local plastic deformation in the aluminide phase which means these materials can exhibit very high
mechanical reliability (e.g., Weibull modulus > 20 in preliminary studies) [3]. In addition, these cermets
can also exhibit high fracture strengths (e.g., in excess of 1 GPa), and these strength levels are retained at
temperatures up to 800°C.

Nickel aluminide (Ni;Al) has severa attributes that make it attractive for applications in ceramic-metal
composites. Its mechanical behavior is unusual in comparison to other alloys, in that the yield strength
increases with increasing temperature up to about 800°C [9,10]. Normally, the intermetalics are brittle in
nature, however, it was also discovered that small amounts of boron would make Ni Al ductile [10,11].
Thus, its applicability for use as a binder phase for cermets was studied.

The physical properties of these Ni,Al-based cermets can be tailored by careful selection of matrix and
binder, and amounts of each. For instance in the TiC-Ni,Al system, the thermal expansion coefficients
can also be tailored (ranging from ~ 7 to 15 x 10°%°C) by modifying the respective volume contents of the
different components. The expansion can aso be tailored even further by altering the binder phase
composition. In addition, the aluminide binder phases provide good oxidation and corrosion resistance
[9,11]. The composites are normally non-magnetic, however, with the appropriate substitution of Fe into
the Ni,Al structure (about 2 20 atom. %), the materials become soft magnetics. Finally, these cermets also
exhibit good electrical conductivity allowing them to be machined by electrical discharge machining
(EDM) processes; a substantial additional benefit in the manufacture of complex shapes.



While much of the early work involved hot-pressing of the samples to obtain high density materials for
mechanical property testing, because of the potential large-scale application, both direct pressureless-
sintering of mixtures of carbide and Ni,Al mixtures and reaction sintering where NiAl + Ni mixtures are
substituted for NiAl powders have been investigated [2,4,7]. Other results indicate a melt-
infiltration-iquid phase sintering process is also a viable fabrication method [8]. In each process, the
equipment requirements and processing conditions are identical to those presently used in the hardmetal
industry and thus, they are amenable to cost-effective production.

Because the properties of the aluminide-bonded ceramics are attractive for diesel engine applications,
development of these materials was started. Future development of these materials is expected to involve
tailoring of the processing to optimize the properties in composite systems with TiC. The issue of most
interest was the fabrication of parts using cost-effective processing. Consequently, a study was done to
understand the microstructure development during powder processing, sintering and the effect on
properties of Ni,Al-bonded TiC cermets. This present study examined (1) sintering with prealloyed Ni Al
powder where the alloying additives were incorporated into the powders prior to gas atomization and, (2)
reaction sintering with Ni and NiAl powders to form Ni Al in-situ. Most of the previous work on Ni,Al-
bonded cermets was done at binder contents of 10-30 vol. %. However, in this study, higher binder
contents on the order of 30-50 vol. % were examined because these composites more closely match the
thermal expansion of stedl.

EXPERIMENTAL PROCEDURE

The powder physical characteristics used in fabrication of the cermets are shown in Table 1. Note the
large size of the prealloyed Ni,Al powder produced by inert gas atomization compared to the other
powders. As mentioned, samples were fabricated by two different methods: (1) sintering with prealloyed
gas-atomized Ni Al powder, or (2) reaction sintering with fine elemental powders to form Ni,Al in-situ.
The compositions studied are given in Table 2. The different processing routes are discussed individually
below.

The sintered materials using prealloyed intermetallic powders were fabricated by milling fine TiC
powder, with prealloyed Ni,Al powder. The reaction sintered materials were fabricated by milling
appropriate amounts of TiC, Ni, NiAl, and B together to form Ni,Al in-situ as a reaction product. All of
the reaction sintered compositions used a 0.1 wt. % boron addition, which was added as elemental boron.
The milling was done in isopropanol for 19 h using WC-Co milling media and 1 wt. % PVF" added as a
binder. Media wear during milling contributed ~0.4 wt. % to each of the compositions. For both the
sintering using prealloyed intermetallics and the reaction sintering, the mixtures were dried and screened
to -100 mesh. Specimens were uniaxialy pressed in either 25 or 55 mm diameter steel dies at ~70 MPa
(10 ksi) and isopressed at 350 MPa (50 ksi). Sintering was done in a graphite element furnace at
temperatures from 1350°C to 1500°C. The heating schedule consisted of a ramp of 10°C/min from room
temperature to 1200°C, a 0.5 h hold at 1200°C for degassing, and another ramp at 10°C/min to the fina
sintering temperature all under vacuum. The temperature was maintained at the sintering temperature for
0.5 h under vacuum followed by an argon gas pressurization to 1 MPa (150 psi) in 10 minutes and a hold
under pressure for 10 minutes. The total time at the sintering temperature was 50 minutes.

For all of the test samples, densities were determined by the Archimedes method. For mechanical
property testing, selected samples of high density were machined into bend bar specimens with nominal
dimensions of 3 mm x 4 mm x 50 mm. Flexural strength testing was done in four point bending with
inner/outer spans of 20 mm/40 mm. Fracture toughness was determined by an indentation and fracture
method [12]. Hardness testing was done with a Vickers diamond indenter at aload of 50 kg. Differential
thermal analysis (DTA) was done in an argon atmosphere and using a heating rate of 10°C/min. X-ray
analysis was performed on powder mixtures both in the as-milled condition and after heating to
intermediate temperatures (using the same heating rates as the sintered specimens). X-ray anaysis was
also performed on machined bulk surfaces of sintered dense composites. Scanning electron microscopy
(SEM) was done on polished sections using both secondary electron (SE) and back-scattered electron
(BSE) imaging.

* GAF Chemicals, Wayne, NJ Polyvinylpyrrolidone K-15
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Fig. 1. DTA results on (a) prealloyed Ni,Al-TiC (DC-11); and (b) Ni/NiAI-TiC (DC-14) mixtures.

The densification results are summarized in Fig. 4. As indicated, high densities were obtained for most
compositions at temperatures of 3 1400°C, where a liquid phase is present. At temperatures of 1350°C,
with little to no liquid phase present, all of the densification was associated with solid state diffusion
processes. Even in that case, significant densification takes place. As expected, lower densities were
observed with the 30% content of the Ni Al liquid phase in comparison to the higher volume contents.
Much of the reason for the low densities is attributable to remnant large pores as shown in Fig. 5. These
large pores are most likely due to the formation of a semi-rigid TiC network that forms after the liquid is
wicked into the surrounding TiC powders by capillary action. Because of the large size of the poreiit is
difficult to eliminate and prevents shrinkage during sintering. At the higher volume contents of Ni,Al, the
occurrence of these poreswas less. At higher binder contents, particle rearrangement is dominant, no TiC
networks are formed and there is sufficient liquid present to fill the voids. In any case, their appearance
could probably be eliminated by using a sinter-HIP cycle at higher gas pressures than used in the present
study, such as those used for WC-Co hardmetals.

X-ray analysis on the bulk surfaces of the sintered materials showed the presence of only TiC and Ni,Al
(Figs. 6 and 7). The TiC peaks for the materials sintered at 1400°C showed some minor peak broadening
which is most likely indicative of the formation of the solid solution with W and development of the rim
structure. At 1500°C, the TiC beaks were better defined, however, the peaks were shifted dlightly also
indicating the formation of a solid solution.

While the TiC peaks were easily discernible in al the x-ray patterns, the Ni Al peaks were quite variable
in both width and intensity from sample to sample. The main reason for the broad Ni,Al peak widthsis
believed due to the considerable solid solution that can occur in these composite systems. Quantitative
EDX of the binder phase for a TiC-50 vol. % Ni,Al sample fabricated by sintering with prealloyed Ni Al
at 1500°C (DC-12) showed the following content (atomic %): Ni - 72.40; Al - 24.77; and Ti - 2.83. This
corresponds to a composition of Ni, Al,e iy, and indicates the binder composition is altered by solution
of the TiC into the liquid phase during sintering. Titanium is supposed to predominantly occupy
aluminum sites when it is incorporated into the Ni Al structure [9]. However, based on the apparent
stoichiometry of the binder, most of the substitution seems to be associated with the Ni sites. Such wide
ranging substitutions would account for the broad x-ray peaks observed in the sintered specimens. It
should also be noted that because of the large difference in thermal expansions between the component
phases, the Ni Al binder is under tension. Such stresses could also contribute to shifts in the observed x-
ray patterns.

In general, the strongest Ni;Al x-ray peaks, as expected, were associated with the samples with the high
binder contents. However, in some cases, the Ni,Al was barely detectable even though appreciable
amounts were known to be present (Figs. 6a, 6c, 7a, and 7b). The only plausible explanation for such
observations was that the Ni,Al had some preferred orientation in the specimens that could be affecting
the reflection intensities. X-ray patterns from the same specimen (DC-15) were taken both paralel and
perpendicular to the thickness direction (Fig. 8). As shown, a significant difference in the Ni;Al peak
intensitiesis apparent. To estimate the degree of preferred orientation, rocking scans, where the specimen
is rotated about the focal plane axis, were performed at the Ni,Al peak of 2q = 43.5°. A rocking scan that









size can be attributable to only a few possible differences: (1) solubility of the TiC; (2) diffusion in the
liquid phase; or (3) kinetics of solution and reprecipitation at the TiC interface. The only significant
difference between the Ni Al in the prealloyed versus the reaction sintered materialsisthe 0.6 wt. % Zr in
the prealloyed powder. This small amount of Zr should have only a minor effect on the solubility of TiC
and diffusion in the liquid phase. However, the Zr would act as a powerful oxygen getter in the system
due to the high free energy of formation and stability of ZrQ,. This oxygen gettering could significantly
influence the wetting between the TiC and the liquid phase and thus affect the solution-reprecipitation
kinetics. Small amounts of surface oxygen are well known to adversely affect the wetting between
carbides and molten metals and in a similar fashion, minor additions of Mo to Ni have been shown to
reduce the contact angle with TiC from 17° to 0° [20-22].

A summary of the flexural strength results is shown in Fig. 13. As indicated, the strength generally
increased with increasing NiAl content. This is most likely due to the dlight improvement in
densification with the higher binder contents. The results also show a significant difference between the
composites made with prealloyed powders and those made by reaction sintering of elemental powders.
The reason for the poor strengths of the reaction sintered materials is being determined. Previous results
on TiC-40 vol. % Ni Al composites fabricated by reaction sintering showed strengths of approximately
1150 MPa, which is more similar to those on the materials made with prealloyed powders in the present
results [4].

Like the strength, the fracture toughness generally increased with increasing Nij Al volume content as
shown in Fig. 14. That was anticipated. Also like the strength results, the composites made with
prealloyed powders exhibited higher toughness that those fabricated by reaction sintering. In all cases,
the fracture toughness was K. > 10 MPaOm and for the composite with 50 vol. % Ni,Al and fabricated
with prealloyed Ni,Al powders was > 25 MPaOm. These values are exceptional and were the basis for the
choice of these types of composites for development for diesel engine applications. The high toughness
values are a result of the plastic deformation and crack bridging effects of the Ni3Al binder. These
effects are illustrated in Figs. 15 and 16 which show crack behavior at the tips of the indents introduced
during hardness and toughness testing. Crack bridging isreadily evident in Fig. 15. Brittle fracture of the
TiC is observed even in isolated grains away from any cracks in the binder. The indent hardness was
measured on several specimens sintered at different temperatures and is summarized in Fig. 17. As
shown, the hardness decreased with increasing Ni Al content and TiC grain size with the samples
fabricated with prealloyed powders having slightly higher values.

CONCLUSIONS

Asreceived Ni Al and NiAl powders are crystalline in nature and during ball milling with TiC, to form
the composite mixtures, become highly disordered due to extensive deformation. Upon heating, the Ni Al
and NiAl undergo recrystallization. At higher temperatures between 1200°C and 1300°C, the Ni/NiAl
mixtures react with one another in the solid state to form NiAl in-situ. Liquid formation, for both the
prealoyed powders and the reaction sintered materials, takes place at temperatures around 1360°C to
1370°C.

Liquid phase sintering of the composites with 30 to 50 vol. % Ni;Al results in high densities being
achieved for sintering temperatures 3 1400°C. The final microstructures consist of TiC grains and a
surrounding matrix of a (Ni,Ti);Al. The TiC grains are made up of a core region of pure TiC and arim
region of a (Ti,W)C solid solution. The W was a contaminant from milling media wear during powder
processing. In some cases Ni and Al were also observed in the peripheral areas of the rim structure and
are believed to be incorporated during reprecipitation when cooling from the sintering temperature. The
Ni;Al precipitates as large grains on the order of a millimeter in size, which enable them to encompasses
multitudes of TiC grains.
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Fig. 4. Summary of densification behavior of Ni Al-bonded TiC composites.

Fig. 5. SE image of microstructure of TiC-30 vol. % Ni,Al fabricated by sintering with prealloyed Ni,Al
(DC-10) at 1400°C. Large pore was remnant from large prealloyed Ni,Al powders.



B 1450°C

[0 1500°C
3.5 T T T
2 25 -
(,) -
c
§ 2 =
O ]
o 15 -
'|: L
S 1 E
E o
g 0.5
O 1 1 1 1 1

30/PA  40/PA  50/PA  30/RS 40/RS 50/RS
Ni3AI Content (vol. %)/ Sample Type

Fig. 12. Summary of average TiC grain size on NiAl-bonded TiC composites fabricated using either
prealloyed Ni,Al powders (PA) or reaction sintered with elemental powders (RS). Sintering was done at

the specified temperature.
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Fig. 13. Summary of flexural strength results on NiAl-bonded TiC composites fabricated using either
prealloyed Ni,Al powders or reaction sintered with elemental powders. Sintering was done at 1450°C.
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Fig. 14. Summary of fracture toug?mass results on Ni;Al-bonded TiC composites fabricated using either
prealloyed Ni,Al powders or reaction sintered with elemental powders. Sintering was done at 1450°C.

Fig. 15. SE image of microstructure of TiC-50 vol. % Ni,Al fabricated by sintering wit
(DC-12) at 1500°C. Crack bridging by the binder is evident at indent tip (top of photograph)
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Fig. 10. BSE image of microstructure of TiC-40 vol. % NT;AI fabricated by sintering with pr
Ni Al (DC-11) at 1450°C. TiC particles exhibit a‘core-and-rim’ morphology.
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Fig. 11. BSE image of microstructure of TiC-40 vol. % Ni Al tabricated by reaction sintering with
Ni/NiAl mixtures (DC-14) at 1450°C. TiC particles exhibit a‘core-and-rim’ morphology.









